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Abstract

Experimental observations related to the initiation of plastic deformation in metals and alloys irradiated with fission
neutrons have been analyzed. The experimental results, showing irradiation-induced increase in the upper yield stress
followed by a yield drop and plastic instability, cannot be explained in terms of conventional dispersed-barrier hardening
because (a) the grown-in dislocations are not free, and (b) irradiation-induced defect clusters are not rigid indestructible
Orowan obstacles. A new model called ‘cascade-induced source hardening’ is presented where glissile loops produced
directly in cascades are envisaged to decorate the grown-in dislocations so that they cannot act as dislocation sources. The
upper yield stress is related to the breakaway stress which is necessary to pull the dislocation away from the clusters /loops
decorating it. The magnitude of the breakaway stress has been estimated and is found to be in good agreement with the

measured increase in the initial yield stress in neutron irradiated copper. © 1997 Elsevier Science B.V.

1. Introduction

It is well established that neutron irradiation causes a
substantial amount of hardening and alters significantly the
deformation behaviour of metals and alloys, particularly at
relatively low irradiation temperatures (i.e., below recov-
ery stage V). The literature on this topic clearly demon-
strates that various aspects of the problem of radiation
hardening were investigated both experimentally and theo-
retically in considerable depths already in the 1950s and
1960s. Since the early investigations of irradiation harden-
ing by McReynolds et al. [1] and Blewitt et al. [2], a large
number of papers have been published on this topic. A vast
amount of results have been reported illustrating, for ex-
ample, the effects of variables such as irradiation dose and
temperature, impurities and alloying, cold-work and pre-
straining and crystal structure on the increase in the critical
resolved shear stress (CSS) or flow stress caused by
neutron irradiation (see Refs. [3,4] for reviews).
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In an attempt to explain the experimental observations,
two main hardening mechanisms have been proposed. The
most popular one is the ‘Zone Theory of Radiation Hard-
ening’ proposed by Seeger [5] and is commonly known as
a dispersed barrier hardening (DBH) model. The ‘Zone’
refers to the ‘vacancy-rich zone’ in the center of a dis-
placement spike [6]. These zones are expected to collapse
into vacancy loops or stacking fault tetrahedra (SFT,)
during the cooling down phase of the cascades. In Seeger’s
hardening model, the vacancy clusters /loops produced in
the cascades are assumed to act as barriers to gliding
dislocations in the slip plane and therefore are taken to be
the main source of radiation hardening. It should be noted
here that the hardening mechanism considered in Seeger’s
model is essentially the mechanisms proposed by Orowan
[7--9] for hardening due to precipitates and dispersed parti-
cles.

Another model for the radiation hardening has been
considered in terms of formation of ‘defect clouds’ along
the length of the grown-in dislocations [2] (i.e., disloca-
tions present already before irradiation) such that these
dislocations cannot act as dislocation sources. In other
words, plastic deformation cannot be initiated until these
dislocations are pulled away from the clouds of defects
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[2,10-12]. The stress necessary to unlock these disloca-
tions so that they can act as dislocation sources again is
then likely to determine the yield strength of the irradiated
crystals. This mechanism of radiation hardening is com-
monly known as the ‘source’ hardening (see later. for
discussion).

In spite of the fact that a large number of investigations
have been devoted to this topic. the controversy as to
which of these two mechanisms is the correct one has still
not been resolved. From the point of view of establishing a
proper understanding of the deformation behaviour during
irradiation, it is imperative, on the other hand. to resolve
this controversy. In the past, one of the major problems in
resolving this issue has been the lack of a detailed knowl-
edge of the damage morphology produced within cascades
and subcascades generated by energetic neutrons. It has
been shown only recently, for example, that in copper
neutrons are likely to produce displacement subcascades
(e.g.. [13-15]) and that several clusters of self-interstitial
atoms (SIAs) are likely to be produced directly in a
cascade or subcascade [16,17]. Furthermore. some of these
SIA clusters may perform one-dimensional glide {16]. The
possibility that the one-dimensional glide may play a
decisive role in decorating the grown-in dislocations by
small loops has been investigated by the present authors
and the results are described in the accompanying paper
[18]. Thus, in reality the structure of the damage produced
by neutrons is far more complicated than the production of
one vacancy loop (i.e., an obstacle) per collision event
commonly assumed while considering the problem of radi-
ation hardening.

Recognizing this improvement in our understanding of
the primary damage production in displacement cascades
and the fact that a number of experimental observations on
deformation behaviour of irradiated materials are not con-
sistent with the DBH model, we decided to ‘revisit’ the
controversial topic of radiation hardening. There are three
landmark observations on the plastic deformation be-
haviour of irradiated materials that cannot be explained
within the framework of the DBH model, and these are as
follows.

(i) A large increase occurs in the flow stress of materi-
als irradiated with neutrons at temperatures below the
recovery stage V but without generation of dislocations in
a homogeneous fashion.

(ii) Even fcc metals and alloys irradiated beyond a
certain dose level at temperatures below stage V exhibit a
sharp and prominent yield drop as in unirradiated bcc iron
(see Section 2).

(iii) Beyond the yield drop. plastic deformation occurs
in a localized and heterogeneous fashion and practically all
of the plastic deformation is concentrated in narrow bands
(‘cleared channels’) representing only a small fraction of
the specimen volume. During deformation, the gliding
dislocations sweep out practically all defect clusters from
these cleared channels, making them almost completely

free of irradiation-induced defects and their clusters (see
Section 4 for more details). Beyond a certain dose level,
polycrystalline metals and alloys exhibit no work harden-
ing and suffer from plastic instability (see Section 4).

In the present paper we assess the role of the pre-irradi-
ation microstructure and damage production characteristics
(c.g.. intracascade clustering of SIAs) particularly in the
initiation of plastic deformation in materials irradiated at
temperatures below the recovery stage V. To facilitate the
discussion of irradiation-induced hardening, first of all,
some of the basic features of dislocation generation and
plastic flow initiation processes in unirradiated materials
are briefly outlined in Section 2. The general nature and
the evolution of irradiation-induced microstructure are de-
scribed in Section 3. This is followed by the experimental
evidence for the irradiation hardening (Section 4). A sum-
mary of the conventional dispersed-barrier hardening model
is presented in Section 5. The analysis of the microstruc-
ture and mechanical performance of metals and alloys with
a low density of grown-in dislocations and a high density
of irradiation-induced very small defect clusters or loops
shows that it may not be appropriate to use Orowan type
of mechanism to describe the observed radiation harden-
ing. An alternative hardening mechanism, cascade-induced
source hardening (CISH), is described in Section 6. In
order to test the validity of the CISH model, the upper
yield stress has been estimated by calculating the stress
necessary to unlock the dislocations (decorated with small
SIA loops) so that they may act as Frank—Read sources.
The summary and conclusions of the present calculations
are given in Section 7.

2. Dislocation generation and plastic flow initiation

In order to identify the role of irradiation-induced
defects in modifying the plastic deformation behaviour of
irradiated materials, it is, in our view, necessary to distin-
guish between the initiation (yielding) and continuation
(i.e.. work hardening or softening) stages of the plastic
flow. The initiation of the plastic flow, commonly referred
to as yielding, occurs when a significant number of grown-
in dislocations are made free (i.e., unlocked) to move and
act as dislocation sources. The multiplication and move-
ment of these free dislocations and the resulting disloca-
tion—dislocation interactions leads to work hardening as
plastic deformation continues. For the sake of simplicity,
in the following we shall consider only the initiation stage
of the plastic flow.

It is well known that in a perfect (i.e., dislocation free)
crystal, plastic deformation is not initiated until a strain of
about 0.1 is reached [19]. However. in a large and soft
single crystal plastic deformation begins already at a strain
level of = 107%. According to Cottrell [20], the slip is
nucleated heterogeneously and the grown-in dislocations
(present before the application of load) provide the nucle-
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ation sites for the slip. A certain fraction of the grown-in
dislocations (which are ‘clean’ and mobile) may be able to
generate a large number of new dislocations by acting as
Frank—Read (F-R) sources [21]. The ‘clean’ and ‘atmo-
sphere’-free dislocations will start operating as F-R sources
when the applied stress is sufficient to overcome the
restoring force on the dislocations due to their line tension,
i.e., when the applied stress is about Gb/! where G is the
shear modulus, b the Burgers vector and ! the length of
the dislocation segment (i.e., F-R source). According to
this relationship, the F-R sources in pure single crystal of
copper will be expected to operate at a stress level of about
4 MPa (for p (dislocation density) = 10'' m™2), This is
about one half of the critical resolved shear stress (CRSS)
value for single crystal copper reported recently by Dai
[22]. In the extreme case of heavily (= 85%) cold-worked
copper, the stress necessary to operate F-R sources is
estimated to be = 590 MPa (with p=2 X 10'> m~? [23])
which is only about 30% higher than the experimentally
observed value of the yield stress (see Section 4). Thus, it
is the creation of new dislocations by the applied stress
which determines the initiation of the plastic flow.

The formation of an ‘atmosphere’ of solute atoms
around dislocations (i.e., Cottrell atmosphere [24]) is well
established. This means that in order to initiate the plastic
flow (i.e., to make the dislocation segments with ‘atmo-
sphere’ act as F-R. sources), a higher stress will have to
be applied, so that the dislocations could be pulled out of
their atmosphere. Hence, an increase in the yield stress
would be expected. This is also the condition which gives
rise to the appearance of the upper yield stress (o) (Fig.
1) [25-27]. Thus, at the upper yield stress the dislocations
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Fig. 1. Stress~strain curves for iron [25] and OFHC-copper [26,27]
tensile tested in the annealed and unirradiated condition.

are unlocked from their atmosphere and are free to move
through the lattice. This transition from the ‘locked’ to free
(i.e., from immobile to mobile) state leads to a sudden
drop in the applied stress (i.e., the yield drop) since the
stress necessary to unlock the dislocation is higher than the
stress needed to keep the dislocations moving once they
have been unlocked.

The abrupt yield drop has been treated also in terms of
rapid multiplication of dislocation and the stress depen-
dence of dislocation velocity [28]. The model predicts a
prominent yield drop when the density of unlocked dislo-
cations is very low (10°-103 m~?2), e.g., when most of the
grown-in dislocations are locked. On the contrary, essen-
tially no yield drop should occur when most of the grown-in
dislocations (10'°-10'2 m™~2) are not locked and are free
to move. The values of oyy and the magnitude of the
yield drop (oyy — o y) depend on the demsity of un-
locked (mobile) dislocations and the rate of their multipli-
cation [28]. After the yield drop, the plastic deformation
may proceed in the form of ‘uniform’ or ‘non-uniform’
yielding. The phenomena of the upper yield point and
yielding uniformly or non-uniformly are observed com-
monly in iron and iron alloys whereas pure fcc metals
(e.g., copper) normally do not show the upper yield point.
However, the upper yield point has been observed in
copper crystals containing zinc [29]. The locking of the
edge component of the partial dislocations is assumed to
occur by elastic (‘hydrostatic’) interactions [30].

3. Irradiation-induced defect microstructure

Before considering the response of irradiated materials
to an applied stress, it is very useful to know the main
features of the microstructure which evolve during irradia-
tion. This is an important issue, since it is the composition
of the microstructure which will determine the nature of
the materials response. In recent years, a large number of
investigations have been carried out to determine the evo-
lution of the defect microstructure, particularly in fcc
metals following neutron irradiations. Various aspects of
defect production [31] as well as accumulation [32] under
cascade damage conditions have been recently reviewed.
In the following, therefore, we shall briefly summarize
only those microstructural features which are relevant to
the problem of irradiation hardening.

As demonstrated by molecular dynamics (MD) simula-
tions [16,17], the defect production under cascade damage
conditions (e.g., during neutron irradiation) has the follow-
ing distinct features (at the end of the cooling-down phase
of the cascade):

(i) intracascade clustering produces clusters of both
vacancies and SIAs directly in the cascade volume,

(ii) several SIA clusters of different sizes are produced
in each cascade,
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(iii) small SIA clusters are mobile; they glide one-di-
mensionally as a group of crowdions.

Recently, MD simulations have further demonstrated
that the clustering behaviour of SIAs in bce iron may be
significantly different from that in fcc copper [33]. For
instance, the ratio of small (mobile) to large (immobile)
SIA clusters produced directly in the cascades (at the end
of the cooling-down phase) may be significantly greater in
iron than that in copper.

The dose dependence of radiation damage accumula-
tion in the form of defect clusters (loops and stacking fault
tetrahedra (SFT,) has been determined for neutron irradi-
ated fcc metals (e.g., Cu, Ni) in a number of studies using
transmission electron microscopy (TEM) (see Refs. [22,32]
for review). An example of the dose dependence of cluster
density in copper irradiated at temperatures in the range of
298-363 K is shown in Fig. 2 [32]. The main conclusion
of these investigations is that at doses below = 102 dpa.
the increase in cluster density is proportional to the neu-
tron fluence (or displacement dose). It should be noted that
at these irradiation temperatures, about one half of the
clusters formed during neutron irradiation of copper are of
vacancy type, resolved in TEM as SFT,; the other half are
likely to be of interstitial type composed of SIAs. The fact
that the cluster density is proportional to the neutron
fluence would suggest that the observed clusters are pro-
duced directly in the cascades or subcascades. There are,
however, some other TEM results for copper irradiated to
intermediate doses (i.e.. >2x 107" dpa) (Fig. 2) which
show square root dependence of cluster density on the
displacement dose, indicating interaction among adjoining
cascades. The cluster density in copper irradiated at tem-
peratures up to = 360 K reaches a saturation level at doses
somewhat below 10~ dpa.

It is interesting to note that the dose dependence of
cluster density in nickel irradiated with neutrons is similar
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Fig. 2. Dose dependence of cluster density in copper irradiated
with fission and fusion neutrons and 800 MeV protons at tempera-
tures in the range of 298-363 K [32].

Fig. 3. A TEM micrograph showing a high density (5X 10%
m~ ) of small clusters in copper irradiated at ~ 320 K to a dose
level of 0.01 dpa. Note the lack of grown-in dislocations.

to that in copper and the cluster density in nickel also
reaches the saturation level at doses below 1072 dpa.
However, the cluster density in nickel at a given dose level
and at a similar homologous irradiation temperature is
almost an order of magnitude lower than that in copper. It
has been demonstrated recently that the cluster density in
single crystal molybdenum irradiated with neutrons at
= 320 K saturates at a level almost two orders of magni-
tude lower than that in copper [34].

It needs to be emphasized here that the production of
small but glissile clusters of SIAs in cascades and subcas-
cades leads to decoration of grown-in dislocations by small
loops. An extreme example of the localized segregation of
loops is the formation of rafts of small loops in polycrys-
talline molybdenum first reported by Brimhall and Mastel
[35]. Recently, similar results have been obtained also in
single crystals of molybdenum [34]. The details of disloca-
tion decoration is described in an accompanying paper
[18].

Finally, it should be mentioned that apart from the
presence of a few decorated dislocations, the spatial distri-
bution of the defect clusters produced in copper during
neutron irradiation at around room temperature is rather
homogeneous. An example is shown in Fig. 3 [26,27]. It is
important to note here that the microstructure is dominated
by a high density of homogeneously distributed
clusters /loops and SFT,, but does not contain many dislo-
cation segments.

4. Experimental evidence for radiation hardening
While discussing the deformation behaviour of irradi-

ated materials, traditionally the attention has been focused
mainly on the analyses of the influence of irradiation
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induced defect clusters only on the increase in the flow
stress. The description given in Sections 2 and 3 makes it
quite clear, on the other hand, that the traditional treatment
of the radiation hardening is not at all adequate. What
needs to be considered is the general plastic deformation
behaviour of the irradiated materials. In order to facilitate
such considerations, in the following we first describe
some typical examples of experimental observations illus-
trating the salient features of the effect of irradiation on the
general deformation behaviour of metals and alloys. This
is followed by the description of the hardening models in
Sections 5 and 6.

The deformation behaviour of unirradiated as well as
irradiated single crystals and polycrystals of pure copper
during tensile testing at room temperature (295 K) is
illustrated in Fig. 4. Single crystals (Fig. 4a) were irradi-
ated with 600 MeV protons [22] at 305-315 K, whereas
the polycrystalline specimens were irradiated with fission
neutrons at 320 K [26,27] (Fig. 4b) and 523 K [36] (Fig.
4c). The stress—strain curves shown in Fig. 4 demonstrate
the following.

(a) Both single and polycrystal specimens irradiated at
=~ 300 K and tested at 295 K exhibit a prominent yield
drop at displacement doses higher than 0.01 dpa. This
illustrates the fact that the initiation of the plastic flow is
localized and inhomogeneous.

(b) The occurrence of the yield drop is dose dependent.

(c) In the case of single crystals (Fig. 4a), after the
yield drop the plastic flow continues in the form of propa-
gation of Liiders band and produces some work hardening
beyond the Liiders strain. In the polycrystalline specimens,
on the other hand, no work hardening is observed after the
yield drop (Fig. 4b).

(d) Polycrystalline copper irradiated at 523 K to dose
levels of 0.1 and 0.2 dpa and tensile tested at 523 K
exhibits no yield drop. The specimens irradiated at 523 K
and tested at 295 K did not show yield drop either.

(e) In all cases, the yield stress increases markedly with
the irradiation dose level.

The plastic deformation characteristics such as yield
drop, lack of work hardening and increase in yield stress
with increasing dose levels observed in irradiated copper
(Fig. 4) are not isolated observations. In fact, these charac-
teristics have been observed in many irradiated metals and
alloys. Fig. 5 shows examples of such behaviour reported
for 316 L (N) stainless steel [37] irradiated at 500 K
(0.29T,; where T, is the melting temperature) and zirco-
nium alloys [38] irradiated at 558 K (0.26T),). In the case
of stainless steel (Fig. 5a), the yield drop (and the plastic
instability) is found to occur at a much higher dose level
than that in copper, whereas in Zr-2 (Fig. 5b) the yield
drop is observed already at a dose level of = 0.5 dpa. It is
interesting to note here that the presence of Y,0, particles
in Zr-2 prevents the occurrence of yield drop. Furthermore,
the addition of 10% Y,O; particles makes it possible for
the alloy even to work harden. Strong yield drop and
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Fig. 4. Stress—strain curves for copper irradiated at various tem-
peratures and displacement doses with 600 MeV protons or fission
neutrons: (a) Single crystal irradiated with 600 MeV protons at
T, = 305-315 K [22], (b) polycrystalline copper irradiated with
fission neutrons at 320 K [26,27], and (c) polycrystalline copper
irradiated with fission neutrons at 523 K [36]. Note the yield drop
at T, < 320 K (below stage V) and its absence at 523 K (above

stage V).
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Fig. 5. Stress—strain curves for fcc, hep and bec alloys irradiated
at temperatures below the recovery stage V: (a) Solution annealed
316 (LN) austenitic stainless steel irradiated with fission neutrons
[37], (b) Zirconium alloy (Zr-2) with and without dispersion of
Y,0, particles, irradiated with fission neutrons {38], and (c)
Mo-5% Re alloy irradiated with 600 MeV protons [39]. Note the
occurrence of a yield drop in all cases except in the case of Zr-2
with dispersions of Y,0, particles that may act as Orowan
obstacles to dislocation motion.

plastic instability have also been observed in molybdenum
and its alloys irradiated with 600 MeV protons [39] and
fission neutrons [40] at =300 K and tensile tested at
= 300 K; an example is shown in Fig. 5¢ [39].

The dose dependence of irradiation hardening particu-
larly in copper has been widely studied. Generally, the
irradiation-induced hardening is found to vary as the
square-root of the neutron fluence [3,5,22,41]. However,
experiments have also shown the irradiation hardening to
be proportional to a cube-root of the neutron fluence
[2,10,42,43]. The increase in the yield stress due to irradia-
tion has been found to be proportional even to the one-
fourth power of the displacement dose [44-46].

Before considering the irradiation hardening models, it
is of interest to examine and understand the post-deforma-
tion microstructures of irradiated materials. As indicated in
Section 3, the pre-deformation microstructure of the irradi-
ated copper samples is composed of a rather low density of
grown-in dislocations [ < 10" m~?) and a high density of
small loops/clusters and tetrahedra distributed homoge-
neously within the grains. The TEM investigations of
deformed copper specimens irradiated at 320 K to a dose
level of 0.01 dpa show that during deformation a large
number of dislocations are generated throughout the whole
crystal [26,27]. These newly generated mobile dislocations
interact with each other and form dislocation networks.
The interaction of these newly generated dislocations with
the irradiation-induced defect clusters lead to a reduction
in the density and a change in the spatial distribution of the
irradiation induced clusters from homogeneous (in the
as-irradiated and undeformed) to heterogeneous (in the
irradiated and deformed) one {26,27]. It should be noted
that these low dose specimens do not exhibit yield drop
and plastic instability. On the contrary, they deform homo-
geneously and work harden in a normal fashion. (Fig. 4b).

In contrast, the high-dose (e.g., > 0.1 dpa) specimens
irradiated also at 320 K and tensile tested at 295 K show
practically no evidence of dislocation generation during
deformation [26,27]. In fact, the pre- and post-deformation
microstructures appear to be very much alike. Further-
more, the density and spatial distribution of the
irradiation-induced defect clusters in the irradiated and
deformed specimens were almost identical to those in the
undeformed specimens [26,27]. Most of the dislocation
segments in these high-dose specimens appear to be deco-
rated with small defect clusters. It should be noted that
precisely these are the specimens which, during deforma-
tion, exhibit a sudden yield drop and plastic instability
(Fig. 4b). A similar lack of dislocation generation and
interaction (during post-irradiation tensile deformation) has
been observed in TZM and Mo-5% Re alloys irradiated at
320 K to a dose level of 0.16 dpa and tensile tested at 295
K [47].

Another well known and significant feature of the
post-deformation microstructure observed in irradiated
metals and alloys is the formation of ‘cleared channels’.
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These channels are rather narrow and long bands of mate-
rials from which practically all irradiation-induced defect
clusters have been removed, presumably by gliding dislo-
cations. The material between the cleared channels, on the
other hand, remains completely undeformed, i.e., there are
no indications of dislocation generation and motion in the
material between the channels. Characteristically, the for-
mation of these channels is observed in specimens irradi-
ated to relatively high doses which also give rise to yield
drop and plastic instability. Thus, the occurrence of yield
drop, plastic instability and formation of clear channels
strongly suggest that in specimens irradiated to relatively
higher doses (i.e., > 10~2 dpa) plastic deformation occurs
in a heterogeneous and localized fashion. The cleared
channels have been observed in irradiated and deformed
copper [22,48-51], iron [51], molybdenum and its alloys
[47,52-54] and niobium [55}. It is interesting to note that
these observations are consistent with a deformation mech-
anism originally proposed by Cottrell [56]. According to
Cottrell, plastic deformation in irradiated materials would
be expected to occur by the initial slip dislocations sweep-
ing away the irradiation-induced obstacles (i.e., clusters),
making the passage of subsequent dislocations easier and
creating localized ‘run-away’ slip. Later, it was established
by Sharp [51] that the coarse slip-markings observed on
polished surfaces after deformation of neutron-irradiated
copper are a direct consequence of the channelling mode
of deformation.

Thus, both the mechanical behaviour and the post-de-
formation microstructure of specimens irradiated at tem-
peratures below the recovery stage V to doses in excess of
= 1072 dpa demonstrate the following.

(a) The initiation of plastic deformation is controlled by
the generation of mobile dislocations,

(b) The newly generated and rapidly gliding disloca-
tions are responsible for the formation of ‘cleared chan-
nels’,

(c) The lack of defect clusters in the cleared channels
would suggest that these small clusters are not very strong
obstacles to dislocation motion,

(d) Practically all plastic deformation occurs in the
cleared channels representing only a small fraction of the
specimens’ volume.

5. Dispersed barrier hardening (DBH) model

In an effort to explain the observed increase in the
critical shear stress for plastic deformation due to neutron
irradiation, Seeger proposed the so-called ‘Zone Theory’
of radiation hardening [5]. He considered that the increase
in the critical shear stress ‘‘comes about by the thermally
and stress activated cutting of dislocations through a forest
of obstacles [57]". He assumed that in the irradiated
materials these obstacles must be some sort of ‘zones that
are formed during neutron irradiation’. These zones are

assumed to act as barriers to the motion of dislocations
‘hung up’ (held up) against these obstacles [5]. Clearly,
this is a modified form of Orowan theory {7-9] for the
‘by-passing’ of impenetrable obstacles by the bowing of
dislocation segments around them and yields a simple
expression for the shear stress 7 (in the absence of thermal
activation) of the form

r=aGb/I, (1)

where G is the shear modulus, / is the average separation
of obstacles (i.e., the length of dislocation segment held up
against the obstacles in the slip plane) and « is a parame-
ter representing the obstacle strength. For the case of a
random array of obstacles (clusters, loops, ‘zones’) of
diameter 4 and volume density N, [ =(Nd)~ '/, Thus Eq.
(1) becomes

T=aGb(Nd)"’. )

Assuming that each neutron produces a defect cluster
(i.e., ‘zone’) (i.e., N is proportional to the neutron fluence),
the dose dependence of the shear stress increase due to
irradiation can be written as

7= const.(pt)'/?, 3)

where ¢ is the neutron flux and ¢ is the irradiation time.

It is important to note here that Eqs. (2) and (3)
implicitly assume that a sufficient number of mobile dislo-
cation segments are available (prior to the application of
load during tensile tests) to give an average segment length
of I held up against the obstacles in the slip plane (Eq.
(1)). In the absence of grown-in dislocation, the Orowan
mechanism is no longer applicable to such a system since
there would be no dislocation segments held up against the
obstacles that can bow out between the obstacles in re-
sponse to the externally applied force (stress). In such
cases, the increase in the shear stress due to irradiation
cannot be calculated from Eqgs. (1)—(3) regardless of the
number of obstacles present in the system, particularly
when the irradiation-induced clusters /loops are very small
(2-3 nm) in size.

While discussing the DBH model, the irradiation-in-
duced defect clusters /loops are taken to represent ‘soft’
(i.e., @ <1 in Egs. (1)-(3) obstacles in the Orowan hard-
ening mechanism. It should be recognized, however, that
these small defect clusters would interact with the ap-
proaching dislocation segments and finally get ‘absorbed’
into them (see Section 6). This means that the mobile
dislocations cannot get held up against or bow out between
these small clusters, leaving a loop around them after
by-passing. In other words, the irradiation-induced small
clusters may not be appropriate obstacles to mobile dislo-
cations as required for the Orowan mechanism to operate
efficiently. The computer simulation of the movement of
dislocations through random arrays of obstacles [58,59] is
not then relevant to the calculation of the upper yield
stress.
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Furthermore, the occurrence of yield drop during ten-
sile testing of irradiated materials (Section 4) would sug-
gest that at the point of yielding there is, in fact, a severe
lack of mobile dislocations (Section 2). This is consistent
with the post-deformation microstructure showing the ab-
sence of deformation generated dislocation (Section 4).
Thus, neither the mechanical performance nor the pre- and
post-deformation microstructures provide the necessary ev-
idence to show that the initiation of plastic deformation in
irradiated materials is controlled by the Orowan type of
hardening mechanism.

The DBH model assumes that the irradiation-induced
clusters /loops act as obstacles to the dislocation motion.
The hardening effect has been calculated in terms of
specific interactions between gliding dislocations and (a)
the ‘tetragonal’ distortions by the strain field of loops [60]
and (b) relatively large (30~50 nm) loops produced during
quenching [59,61-63]. These calculations show that both
kinds of interactions can produce a significant level of
hardening, always provided that the loops/clusters are
rigid obstacles to the dislocation motion.

However, plastic deformation in specimens irradiated to
an appreciable dose is highly localized and is not consis-
tent with the Orowan mechanism. The deformation is
concentrated in narrow bands, which are observed to be
swept almost completely clear of defect clusters produced
during irradiation. Thus, the small defect clusters are not
behaving as rigid indestructible obstacles and are unlikely
to be providing a strong impediment to the motion of the
gliding dislocations, as envisaged in the DBH model. This
implies that the presence of sessile vacancy and SIA
clusters in the regions between the decorated dislocations
is unlikely to play any significant role in the irradiation-in-
duced increase in the upper yield stress. The presence of
these clusters may, on the other hand, play an important
role in the evolution of the dislocation decoration by
affecting the arrival rate of glissile SIA clusters to the
decoration region in the vicinity of grown-in dislocations.

In the case of quenching, the calculations are based on
the attractive junction reaction model [64] and assume that
each loop intersecting the glide plane provides a pair of
forest dislocations. These junctions are then considered to
be effective locks to gliding dislocations and hence potent
sources of hardening. In the case of the low temperature
neutron irradiated pure metals (e.g., copper), this mecha-
nism is unlikely to dominate since the clusters/loops
produced during irradiation are too small to provide forest
dislocations necessary for forming junctions with the glid-
ing dislocations. As shown later (Section 6.2), instead of
forming junctions, these small clusters /loops are likely to
get absorbed in the gliding dislocations (see also Ref.
[65)). In fact, Foreman and Sharp [66] have shown that the
dislocation loops even in the quenched metals can be
swept out by the gliding dislocations during deformation.

It is reasonable to conclude, therefore, that the attrac-
tive junction reaction model does not appear to be an

appropriate model for the calculation of radiation harden-
ing where the clusters /loops are too small to form junc-
tions. In addition, neither of these two mechanisms (i.e..
tetragonal distortion and junction reaction) can explain the
experimental observations of a sharp yield drop, the ab-
sence of deformation-induced dislocations and the lack of
homogeneous plastic deformation in the irradiated and
tensile tested specimens (see Section 4). On the contrary,
these evidences suggest that the increase in the upper yield
stress due to irradiation is caused by the difficulty in the
generation of dislocations and not in their movement.

6. Cascade-induced source hardening (CISH)

In the present study, we consider an alternative proposi-
tion that the irradiation-induced increase in the yield stress
(i.e., the stress necessary to initiate the plastic flow) may
occur simply because most of the F-R sources (i.c.,
grown-in dislocations) are ‘locked’ during irradiation. This
possibility was, in fact, first pointed out by Blewit et al.
already in 1960 [2]. Because of the lack of detailed infor-
mation regarding the damage production in cascades, Ble-
wit et al. [2] were not able to specify as to why and how
F-R sources may be blocked.

We, on the other hand, submit that most of the F-R
sources (i.e., grown-in dislocations) get decorated by small
SIA clusters /loops during neutron irradiation. These clus-
ters are assumed to be produced directly in the multidis-
placement cascades and small SIA clusters are assumed to
be glissile. The main impact of the decoration is that the
grown-in dislocations become unable to act as dislocation
sources until a stress level much higher than Gb/! is
reached. The level of this stress depends on details of the
loop distribution in the vicinity of the locked dislocation
and particularly on the minimum distance between the
loops and the dislocation (see Section 6.2). In the follow-
ing, we first summarize the main theoretical ideas about
the decoration process and then estimate the ‘stand-off
distance’. On the basis of this knowledge, we proceed to
estimate (in Section 6.3) the relation between the loop
distribution and the stresses necessary to unlock the dislo-
cation from its decoration so that it can act as a F-R
source. This is the stress level which determines the upper
yield stress.

6.1. Dislocation decoration process

Small glissile dislocation loops (‘coupled crowdions’)
produced directly in displacement cascades perform a ther-
mally activated one-dimensional motion until they get
trapped in the strain field of another defect such as a
grown-in dislocation. For low dislocation densities such a
dislocation would have a relatively large collection area
for accumulating glissile loops from its neighbourhood. At
temperatures around 0.47,, the extension of the trapping
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regions can reach a value as high as about 100 nm for
favourable dislocation /loop configurations. Except for a
direct encounter of a glissile loop with a dislocation, the
loop will generally be trapped in a metastable state from
which it may be detrapped by thermal activation. Absorp-
tion of such a loop by the dislocation, before it is de-
trapped, requires a change in its direction of motion, either
by a thermally activated Burgers vector (BV) change or
conservative climb, or by a mutual approach of the loop
and the dislocation in a joint motion in the case of
non-parallel BVs. Close to the dislocation, the barrier
against Burgers vector changes or climb will vanish and
the loop will spontaneously be absorbed into the disloca-
tion. Loop accumulation can only occur outside this region
(see Section 6.2). Here, for high loop arrival rates (high
loop production rate /low dislocation density), a second
loop may arrive in the interaction range of the first loop
before this is detrapped or absorbed by the dislocation. The
interaction between these two loops, possibly resulting in
coalescence, reduces their detrapping and absorption prob-
abilities. The problem of accumulation of glissile loops
near grown-in dislocations has been treated in [18] while
the influence of the damage rate and irradiation tempera-
ture on dislocation decoration has been considered in Ref.
[67].

Under such conditions, loops accumulate in the neigh-
bourhood of dislocations. This process is generally accom-
panied by some loop coarsening. Furthermore, the flux of
single SIAs may contribute to the growth of these loops.
The loop trapping in the primary trapping region ceases
when the attractive stress field of the leading dislocation is
compensated by the existing loops. The whole disloca-
tion/loop configuration is then equivalent to a (sessile)
dislocation shifted by the extension of the primary region
of loop trapping. The loop trapping occurs now only ahead
of the existing structure where the elastic interaction re-
mains attractive. Accordingly, the structure grows in the
direction where the interaction is strongest and begins to
form a dislocation wall there. At a later stage, such walls
may even form cell structures with diameters of several
micrometers (wm). The formation of such walls has been
observed in copper irradiated with fission neutrons [68].

6.2. Stand-off distance between a loop and an edge dislo-
cation

Small glissile loops approaching the dislocation to a
distance smaller than the stand-off distance get absorbed
into the dislocation. Thus, the loop accumulation can occur
only at a distance equal to or greater than the stand-off
distance (see [18] for details). A simple estimate has been
made of this distance of approach at which a small loop
will change its Burgers vector on the basis of the line
tension approximation. A transformation dislocation is as-
sumed to propagate across the face of the loop in order to
change the Burgers vector, which must occur with the

assistance of the stress field of the edge dislocation. The
energy required to produce this transformation dislocation
must be balanced by the work done in shearing the loop
behind the transformed zone.

A preliminary estimate suggests that the stress required
to change the Burgers vector, 7, of a loop of radius r, is
given by

Ty = Gb/Bry, 4

where f3 is a correction factor for extreme smallness of the
loop and is estimated to have a value of =3 for tiny
loops. The value of B8 depends on the core energy and may
be even smaller than 3. In estimating 7, the line tension
of a normal straight edge dislocation is taken to be =
Gb? /2, whereas the line tension for the loop component is
taken to be Gb?/28. 7,, is the magnitude of the stress
that would be produced at a distance of about r, from a
straight edge dislocation (un-dissociated), which is quite a
close distance of approach. It should be noted that this
represents a lower bound of stand-off distance since it does
not include the effect of thermal fluctuation. Thus, the
lower bound to the stand-off distance is likely to be when
the loop is close to touching the edge dislocation (i.e., of
the order of the loop radius, r,). At elevated temperatures,
thermally activated BV changes or conservative climb
accelerated due to reduced activation barrier close to the
dislocation are expected to cause an increase in the effec-
tive stand-off distance.

An alternative mechanism of the loop absorption at a
grown-in dislocation could be the break-up of the small
SIA loops under the combined influence of a large hydro-
static tension from the dislocation and the ambient temper-
ature. Once a self-interstitial atom breaks loose from the
loop, it can escape from the loop and get absorbed into the
core of a grown-in dislocation. This is a very simple but a
clean mechanism by which self-interstitial atoms created
by irradiation can be put back into the lattice.

We examine the feasibility of this mechanism by calcu-
lating the escape time, 7, for a self-interstitial atom from
an interstitial loop as a function of distance y (of the loop)
from an edge dislocation. The escape time 7., can be
shown to be given by
—1

. )
where o, is the jump frequency, E} and E!. are the
binding and migration energy, respectively, for self-inter-
stitial atoms. The pressure, p, exerted by the neighbouring
dislocation on the loop at a distance y from the dislocation
(at 90° to glide plane) is given by

p=Gb/2my. (6)

AV in Eq. (5) is the increase in volume when an atom
leaves a loop/cluster and equals =0.3V, (V, is the
atomic volume = 10~2° m?) since the volume occupied
by a self-interstitial atom is = 1.3V,.

7, = { o exp[ — (E} + E}, + pAV) /kT]}



112 B.N. Singh et al. / Journal of Nuclear Materials 249 (1997) 103115

Interstitial Escape From Cluster

500K

10 } .
10" 1 Edge dislocation Copper
10. -1 Formation of
— 10. loose cluster (MD) 400K
- | looseckster MD) 400K _________..__.
By = 15 eV
107 4 0
= Pressure from dislocation Em =015 eV
® 0% p~-Gb/2Ty w = Sx10°7 s
E R AV = 03V,
R {at 90° to glide plane) V, = 1072 w3
° G = 50 GPa
-9
o
o
“
w

-1 -

77V = w exp [~{E+En+pAVI/KT]

1 - T L T T

0 5 10 15 20 25
Distance y from dislocation / b

Fig. 6. The dependence of the escape time for an interstitial atom
from a small (7 atom) SIA loop on the distance of the loop from
an edge dislocation in copper under the influence of the ambient
temperature and hydrostatic tension. Note that a small SIA loop
when in a close proximity to an edge dislocation may break-up
into single SIAs. MD simulations lead to a similar conclusion.
The broken lines represent the asymptotic values of the escape
time.

The dependence of the escape time on the distance of a
7 atom loop from an edge dislocation in copper has been
calculated for 400 and 500 K with E} = 1.5eV, E}, = 0.15
eV, ;=5% 10" 57" and G =50 GPa; the results are
shown in Fig. 6. The results suggest that small SIA
loop /cluster may break-up under the combined influence
of temperature and a high hydrostatic tension from neigh-
bouring edge dislocation, but only when the loops are very
close to the lead dislocation. This is very similar to the
conclusion reached earlier in the case of loop absorption
by Burgers vector change due to the elastic force field of a
neighbouring dislocation.

The possibility of loop break-up was further investi-
gated using molecular dynamic (MD) simulations. Very
large hydrostatic tensile stresses were applied to a cluster
of 7 interstitial atoms in the form of a symmetrical ‘loop’
contained in a block of 4000 fcc copper atoms equilibrated
at 450 K. At a pressure of —6 GPa corresponding to a
loop distance of =2 b from a pure edge dislocation, the
loop was found to have transformed into a loose cluster of
self-interstitial atoms (Fig. 6). These loose atoms did not
leave the loose cluster most probably because of the
absence of a dislocation line and its stress gradient in the
vicinity of the cluster in the MD simulation experiment. In
any case, the result suggests that the loop /cluster has to be
very close (almost touching) to the lead dislocation betore
break-up may occur. More detailed MD simulations are
necessary for a proper evaluation of the break-up and
absorption of small loops/clusters into a neighbouring
dislocation.

6.3. Relation berween microstructure and upper yield stress

As regards the nature of loop /dislocation associations
for which the stress necessary to unlock a dislocation from
the loop ensemble is to be estimated, two cases may be
distinguished: (i) the loops are clearly separated by dis-
tances similar to their size (a row of loops), and (ii) the
loops are no longer well separated but form a network in
which they have, at least partly, lost their individuality.

In the first case, we may neglect the effect of disloca-
tion bowing out between neighbouring loops. For this case,
we consider a straight row of sessile edge type loops of
Burgers vector, b, diameter , and spacing / at a distance
v (stand-off distance) parallel to a straight glissile edge
dislocation of Burgers vector, b, in an elastically isotropic
medium of shear modulus G and Poisson’s ratio v. Using
the ‘infinitesimal loop approximation’ we find that the
force acting between one loop and the dislocation is
maximum (3E /3x? = 0) at an angle of about 40° between
the distance vector and the glide plane of the dislocation
where it assumes a value

Fy=0.069(G/(1 = v))(bd/¥)’. (7a)

This force must be compensated by the force on the
dislocation due to the external shear stress 7 (resolved
shear stress)

F = Thl (7v)
E,, = F,4 yields for the stress necessary to unlock the
dislocation (at v=1/3)

T=0.1G(b/1)(d/y)". (8)

According to Eq. (8), an upper yield stress of the order
of 300 MPa for the neutron irradiated copper at = 325 K
[26,27] (G =55 GPa) would be consistent with (b/{)
(d/y)* =5X% 1072 obtained, for instance, by taking / =
35h (=9 nm) and y = 0.75d which are reasonably consis-
tent with the observed microstructure. The presence of
loops with Burgers vectors different from that of the lead
dislocation would require lower values of { and v to yield
the same upper yield stress of 300 Mpa. More detailed
microstructural investigations are required to determine /
and y accurately and to establish the relation between the
upper yield stress and the microstructure. Furthermore, an
accurate value of y needs to be determined using molecu-
lar dynamics experiments since the elasticity based calcu-
lations become inaccurate close to dislocations.

For the second case, we approximate the loop ensemble
accumulated near the dislocation by a sessile dislocation
dipole of Burgers vector, b, and diameter, a, separated
from the leading dislocation by a stand-off distance y. For
« > v, which is generally fulfilled, the externally applied
shear stress has to overcome the maximum attractive shear
stress exerted by the close dislocation component of the
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dipole on the primary dislocation occurring at 22.5° be-
tween the distance vector and the glide plane. The corre-
sponding condition yields an estimate for the upper yield
stress given by

T=Gb/8w(l—v)y. )

According to Eq. (9), an upper yield stress of the order
of 300 MPa for neutron irradiated copper at = 320°C
would be consistent with y = 10b. This would suggest
once again that the stand-off distance, y, is only of the
order of a few nanometers which is in a reasonable agree-
ment with the observed spatial distribution of loops in the
vicinity of decorated dislocations. A lateral smearing out
of the dislocation dipole representing the loop ensemble
would require lower values of y. Independent of the
precise details, our estimates show that the locking mecha-
nism proposed in the present paper provides a possible
explanation for the observed radiation hardening.

It is important to recognize at this juncture that within
the framework of the CISH model, the main parameters
determining the unlocking stress (i.e., the upper yield
stress) are y, [ and d (Eqs. (8) and (9)). Therefore, in
order to understand the dependence of the upper yield
stress on experimental variables such as recoil energy,
damage rate, displacement dose and irradiation tempera-
ture, the effect of these parameters on y, [ and d will have
to be investigated. For this, first of all the kinetics of the
dislocation decoration phenomenon will have to be estab-
lished. This has been done in the accompanying paper [18].
The conditions for the dislocation decoration has been
further investigated and the results are reported in Ref.
[67]. The physical basis for the dose and temperature
dependencies of the dislocation decoration as well as the
upper yield stress have been also considered in Ref. [67]. It
is clear, however, that still further calculations are neces-
sary before these dependencies can be predicted quantita-
tively and compared with the available experimental re-
sults.

7. Summary and conclusions

Experimental results on pre- and post-deformation mi-
crostructure, irradiation-induced yield drop and the lack of
work hardening and homogeneous plastic deformation in
metals and alloys irradiated with fission neutrons at tem-
peratures below stage V have been summarized. A close
examination of these results has revealed that several
fundamental features of the plastic flow observed in irradi-
ated metals and alloys have been overlooked in the past. In
fact, earlier treatments of radiation hardening have consid-
ered mainly one aspect of the effect of irradiation, namely
the irradiation-induced increase in the yield strength. Prac-
tically no effort has been made to understand other impor-
tant features such as yield drop, lack of work hardening,
lack of dislocation generation during deformation and the

localized nature of plastic deformation that are commonly
observed during deformation of materials irradiated with
fission neutrons. Furthermore, while relating the observed
increase in the yield strength to irradiation-induced (and
pre-deformation) microstructure, only the presence of de-
fect clusters has been taken into account. The role of two
other important features of the pre-deformation microstruc-
ture such as the presence of dislocations decorated with
very small loops/clusters and a very low density of
grown-in dislocations, on the other hand, have not been
examined.

An analysis of the deformation behaviour observed in
neutron irradiated metals and alloys in terms of dislocation
generation and plastic flow initiation shows that the experi-
mental results cannot be rationalized in terms of the con-
ventional DBH model. Furthermore, it seems completely
inappropriate to use Orowan type of hardening mechanism
to explain the increase in yield strength due to irradiation-
induced very small (= 2 nm in diameter) clusters or loops
since these clusters/loops cannot act as rigid and inde-
structible obstacles to dislocation motion as envisaged in
the Orowan mechanism. In fact, these small clusters /loops
would get absorbed (see Section 6.2) into a dislocation
even before the dislocation comes in physical contact with
them. The fact that practically all defect clusters in the
cleared channels are swept away by gliding dislocations
would also indicate that these small loops /clusters do not
act as effective obstacles to dislocation motion. Finally, the
observations of yield drops and the lack of dislocation
generation and plastic deformation in a homogeneous fash-
ion would suggest that the increase in the yield strength is
not because of an increased difficulty in dislocation motion
due to the presence of defect clusters. It has been argued
that these observations cannot be rationalized in terms of
models based on interactions of glide dislocations with
tetragonal distortions produced by single SIAs and loops
of SIAs [60] or with the forest dislocation junctions pro-
duced by the loops intersecting the glide plane [59,61-63].

On the contrary, all the available evidence suggests that
the increase in the upper yield stress (i.e., difficulty in
plastic flow initiation) may, in fact, be due to the difficulty
in dislocation generation. Thus, the problem of radiation
hardening should be treated in terms of the Cottrell atmo-
sphere type and not the Orowan type of hardening mecha-
nism. This is the main hypothesis of the cascade-induced
source hardening (CISH) model proposed in the present
paper. Like the impurity atoms in the Cottrell atmosphere,
the ‘atmosphere’ of tiny SIA loops in the immediate
vicinity of grown-in dislocations is assumed to make it
difficult for the grown-in dislocations to act as F-R sources.
In order to initiate plastic deformation in materials contain-
ing these dislocations decorated with small loops, we need
to unlock these dislocations so that they can act as F-R
sources. Hence, the stress necessary to unlock the disloca-
tions represents the upper yield stress.

The experimental results presented in Section 4 (Fig. 5)
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clearly suggest that the CISH mechanism must be operat-
ing even in the complicated materials such as stainless
steel, Zr-2 and Mo—Re alloys. It is quite possible that, in
these alloys, dislocations are prevented from acting as
dislocation sources not only by small SIA loops decorating
them, but also by the irradiation-induced segregation of
impurity atoms on the grown-in dislocations and on the
SIA loops decorating the grown-in dislocations.

The upper yield stress has been estimated by calculat-
ing the stress necessary to pull the dislocations away from
the atmosphere of loops decorating them. The results show
that the increase in the upper yield stress of neutron
irradiated copper can be understood in terms of the break-
away stress.

The formation of the atmosphere of loops decorating
the grown-in dislocations has been attributed to the glide
and trapping of sessile loops created by the cascades. In
this treatment it is assumed that very small loops are
absorbed into the grown-in dislocations and only larger
ones form the atmosphere at a distance defining the ‘stand-
off” distance. The mechanisms of very small loops into the
grown-in dislocations have been considered in terms of
changes in Burgers vector and break-up of very small SIA
loops (into single SIAs) under the influence of large
stresses in the vicinity of an edge dislocation.
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